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The desire to improve the corrosion resistance of Zr cladding material for high burn-up has resulted in a general trend among fuel
manufacturers to develop alloys with reduced levels of Sn. While commonly accepted, the reason for the improved corrosion perfor-
mance observed for low-tin zirconium alloys in high-temperature aqueous environments remains unclear. High-energy synchrotron
X-ray diﬀraction was used to characterize the oxides formed by autoclave exposure on Zr–Sn–Nb alloys with tin concentration ranging
from 0.01 to 0.92 wt.%. The alloys studied included the commercial alloy ZIRLO (ZIRLO is a registered trademark of Westinghouse
Electric Company LLC in the USA and may be registered in other countries throughout the world. All rights reserved. Unauthorized use
is strictly prohibited.) and two variants of ZIRLO with signiﬁcantly lower tin levels, referred to here as A-0.6Sn and A-0.0Sn. The nature
of the oxide grown on tube samples from each alloy was investigated via cross-sectional scanning electron microscopy. Atom probe anal-
ysis of ZIRLO demonstrated that the tin present in the alloy passes into the oxide as it forms, with no signiﬁcant diﬀerence in the Sn/Zr
ratio between the two. Synchrotron X-ray diﬀraction measurements on the oxides formed on each alloy revealed that the monoclinic and
tetragonal oxide phases display highly compressive in-plane residual stresses with the magnitudes dependent on the phase and alloy. The
amount of tetragonal phase present and, more importantly, the level of tetragonal-to-monoclinic phase transformation both decrease
with decreasing tin levels, suggesting that tin is a tetragonal oxide phase stabilizing element. It is proposed that in Zr–Nb–Sn alloys with
low Sn, the tetragonal phase is mainly stabilized by very small grain size and therefore remains stable throughout the corrosion process.
In contrast, alloys with higher tin levels can in addition grow larger, stress stabilized, tetragonal grains that become unstable as the cor-
rosion front continues to grow further inwards and stresses in the existing oxide relax.
 2013 Acta Materialia Inc. Published by Elsevier Ltd.
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The importance of zirconium alloys in pressurized water
reactors (PWRs) is attributed to their low neutron cross-
section, high corrosion resistance and suﬃcient mechanical1359-6454  2013 Acta Materialia Inc. Published by Elsevier Ltd.
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Open accesperformance during reactor service. During the initial stage
of corrosion in high-temperature pressurized water, zirco-
nium alloys deviate from the expected parabolic rate law
with a tendency towards cubic growth kinetics [1–5]. In
general, once the oxide has grown to a few microns (pre-
transition), a brief acceleration of corrosion kinetics is
observed (post-transition), followed by a second cycle of
parabolic/cubic growth rates. These cycles are repeateds under CC BY license.
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16]. Knowledge of such corrosion kinetics, and especially a
more mechanistic understanding of transition and break-
away, is of great importance for undertaking more accu-
rate, physically based lifetime predictions of cladding
tubes. During the gradual oxidation, a highly compressive
stress is expected to build up inside the oxide due to a Pil-
ling–Bedworth ratio of 1.56 from zirconium to zirconia
[1,17], stabilizing the metastable tetragonal ZrO2 [7,18–
20] which has been reported to form and accumulate near
the oxide/metal interface [16,19,21,22]. The compressive
stress in the oxide must be balanced by tensile stress in
the metal substrate and it has been argued that this will
result in creep of the metal substrate with prolonged corro-
sion [19,23]. It has been suggested that this will relax the
compressive stresses in the oxide that formed earlier and
generate a stress gradient with the highest stresses near
the metal/oxide interface [19,24]. As a result of the stress
relaxation over time, the tetragonal ZrO2 grains become
destabilized, resulting in a martensitic phase transforma-
tion to monoclinic ZrO2 associated with a 5% volume
expansion [25]. It is generally believed that this phase trans-
formation results in the formation of cracks [26], which will
eventually lead to the breakdown of the inner oxide acting
as a barrier. However, experimental evidence of a direct
link between tetragonal-to-monoclinic phase transforma-
tion and crack formation remains elusive. Other proposed
factors stabilizing the tetragonal phase include the eﬀect of
small oxide grain size (smaller than 25–30 nm) [27–30] and
defects induced by dopants; however, the concentration of
dopants in the oxide is generally considered to be too low
to play any signiﬁcant role.
Tin is a common addition in the zirconium alloys, widely
used as fuel cladding material in light-water reactors and
was originally introduced to zirconium alloys as an alloying
element countering the poor corrosion resistance caused by
nitrogen [31]. It is well known to have both positive and neg-
ative impacts on the in-reactor corrosion rate and growth
acceleration at high burn-ups of PWR cladding. A reduction
of the tin content generally improves the corrosion resis-
tance, e.g. for Zircaloy-4 [31] and advanced alloys like Wes-
tinghouse ZIRLO [32,33]. This insight has been utilized
over the years to improve cladding alloys by reducing tin.
However, tin is also known to provide a robustness and pre-
dictability of the corrosion behaviour, e.g. it protects against
enhanced corrosion in high lithium and abnormal chemistry
conditions [34]. Tin addition also reduces the corrosion
enhancement of weld regions compared to the non-weld
region, and reduces the irradiation growth acceleration of
zirconium alloys at high burn-ups believed to be due to
hydrogen [35]. These contradictory eﬀects of tin have been
balanced in the latest generation of advanced alloys, e.g.
Westinghouse Optimized ZIRLOe.11 Optimized ZIRLO is a trademark of Westinghouse Electric Company
LLC in the USA and may be registered in other countries throughout the
world. All rights reserved. Unauthorized use is strictly prohibited.The relationship between tin content and tetragonal
phase in the oxide is considered to be of great importance
in terms of understanding its eﬀect on corrosion [27,36,37].
It has been reported that decreasing tin levels lead to the
formation of a thicker tetragonal barrier layer at the
oxide/metal interface, improving corrosion performance
[37]. However, other researchers have found that the
decrease of tin actually reduces the tetragonal phase frac-
tion in the oxide grown on Zr alloys [27,36]. The latter
ﬁndings are further supported by studies on stabilization
of tetragonal phase in structural tetragonal zirconia by
tin although in this case the required tin levels are compar-
atively high due to the larger oxide grain size [38,39]. To
date, mechanistic studies on the eﬀect of tin on corrosion
performance have only been carried out in more tradi-
tional Zr alloys that do not contain any Nb. However,
Nb containing alloys such as ZIRLO and M52 have
now widely replaced traditional Zircaloys in fuel
assemblies for PWRs. It is also still not clear by which
mechanism a change of tetragonal phase fraction, due to
a diﬀerent alloy chemistry, will aﬀect the time it takes
for an alloy to reach the point of transition during
corrosion.
In the present study, three Zr–Nb–Sn alloys with diﬀer-
ent tin content (ZIRLO, A-0.6Sn and A-0.0Sn) were corro-
sion tested in an autoclave operating in “simulated”
primary water conditions [40]. Autoclave tested materials
were examined after diﬀerent exposure times by means of
high-energy synchrotron X-ray diﬀraction to study the
stress state and tetragonal/monoclinic ZrO2 ratio in the
oxide, preliminary results from these measurements were
presented in Ref. [41]. In addition, the oxide was investi-
gated by scanning electron microscopy (SEM) to identify
possible cracks in the oxide. Atom probe measurements
were used to investigate the distribution of tin in the metal
and oxide as oxidation progresses.2. Experimental
2.1. Materials preparation
The alloys investigated in this study were recrystallized
ZIRLO and two low tin versions of it (A-0.6Sn and
A-0.0Sn). Corrosion samples of 30 mm in length (9 mm
outer diameter, 0.8 mm thickness) were cut from tubes pro-
vided by Westinghouse. Chemical compositions of the
alloys were determined at the EDF Research and Develop-
ment facility in Moret-sur-Loing, France, and can be found
in Table 1. All samples were pickled at 60 C in a solution
of 10 vol.% hydroﬂuoric acid, 45 vol.% nitric acid and
45 vol.% distilled water for 3 min to provide a consistent
surface prior to corrosion testing.2 M5 is a registered trademark of Areva NP.
Table 1
Measured chemical composition of the materials.
Alloy Alloying elements
Zr Fe (wt.%/at.%) Sn (wt.%/at.%) Nb (wt.%/at.%) Hydrogen (wt. ppm)
Recrystallized ZIRLO Balance 0.09/0.15 0.92/.71 0.91/0.89 10
Recrystallized A-0.6Sn Balance 0.09/0.15 0.66/0.51 0.91/0.89 4
Recrystallized A-0.0Sn Balance 0.08/0.13 0.01/0.01 0.90/0.88 17
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In order to record oxidation weight gain as a function of
autoclave corrosion exposure, as well as generating samples
that have experienced diﬀerent durations of autoclave
exposures, sets of four samples were introduced into the
autoclave every 20 days. Corrosion experiments were con-
ducted in static isothermal autoclaves operating at 360 C
in simulated primary water chemistry (Li and B were added
in the form of lithium hydroxide and boric acid, Li = 2 wt.
ppm, B = 1000 wt. ppm), at a saturation pressure of
18 MPa (360 C). The tests were performed consistent
with ASTM G2 standard and are discussed in detail else-
where [40]. The corrosion experiments aimed to provide
samples and weight gain data from the early stage of cor-
rosion until after the ﬁrst transition.
2.3. Oxide microstructure characterization
For imaging of the oxide after corrosion testing, cross-
sectional samples were prepared. In order to protect the
oxide during sample preparation, a Ni coating was applied
to each sample before cutting. Cross-sectional specimens
were ground and polished carefully following standard
metallographic procedures and etched in a solution of
5 vol.% hydroﬂuoric acid, 45 vol.% nitric acid and
50 vol.% distilled water at room temperature. A carbon
layer (5 nm thick) was deposited on freshly etched sample
surfaces using a Gatan Model 682 PECSe precision etch-
ing and coating system for SEM. The carbon layer
improved the surface conductivity, preventing the accumu-
lation of electrostatic charge, thereby minimizing image
artefacts. Imaging of the cross-sectional samples was per-
formed using a Philips XL30 ﬁeld emission gun scanning
electron microscope (FEG-SEM).
2.4. Pole ﬁgure measurement with lab X-ray
Partial pole ﬁgures were measured on oxidized samples
using a Bruker D8 Discover diﬀractometer operating at
35 kV (co-tube) in coupled h/2h mode. Measurements were
conducted on the as-oxidized surface of the tube samples
without mechanical polishing. Due to the surface curvature
of the tube sample, a minimal spot size of d  0.5 mm was
selected, thereby reducing potential defocusing eﬀects. The
estimated attenuation depth (i.e. where intensity of X-rays
falls to 1/e of their value at the surface) for the angularrange measured with the above X-ray setup is 3–8 lm.
Since the thickness all the oxides measured was below
3 lm, the measurements represent an average over the
entire oxide of each sample.
2.5. 3-D atom probe tomography
The three-dimensional (3-D) atom probe allows the
reconstruction of 3-D “atom maps”, which can be used
to investigate the nanoscale chemistry of a material. Such
analysis requires the fabrication of sharp needles such that
a very high electric ﬁeld is produced at the needle tip on
application of an electric potential. For this work, needles
were produced from oxidized ZIRLO samples using a spe-
cially developed focused ion beam (FIB) milling technique
[42,43]. This method enabled APT analysis to be carried
out on a specimen that had the metal/oxide interface run-
ning along the length of the region of interest. The atom
probe analysis was conducted using an Imago Scientiﬁc
Instruments LEAP 3000 X HR, using laser pulsing with
0.35 nJ, 10 ps pulses at a repetition rate of 200 kHz. The
samples used had end radii of 60 nm and measurements
were conducted with a base temperature of 55 K. By using
these parameters and with careful control of the DC volt-
age on the tip, maintaining an average evaporation rate
of two ions for every 1000 laser pulses, and by averaging
over a number of measurements, good agreement could
be achieved with the known matrix concentrations of tin
[43]. Despite some run-to-run variation in absolute tin con-
centrations observed, it was therefore possible to map the
distribution of tin in the metal and oxide, providing insight
into how tin is incorporated into the oxide as corrosion
progresses.
2.6. Synchrotron X-ray diﬀraction
The advantage of using synchrotron X-rays over labora-
tory X-rays is the high ﬂux and high peak position accu-
racy in conjunction with a low background, which
enabled the characterization of minor phases such as the
tetragonal phase in the present case. Experiments to char-
acterize the residual stresses in the oxide layer (monoclinic
and tetragonal ZrO2) and metal substrate together with the
tetragonal/monoclinic phase fraction ratio were carried out
on the EDDI beam line at BESSY, Berlin, an energy dis-
persive instrument dedicated to material science. A detailed
description of the EDDI beam line has been given by
Fig. 1. Schematic layout of the main beamline components at EDDI, BESSY II [37].
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residual stress measurements were undertaken using the
classical sin2w approach [45] assuming a biaxial stress state
in a Cartesian coordinate system. The elastic properties
used for each phase are shown in Table 2 [24,46]. Based
on single crystal values of the monoclinic zirconia phase,
Polatidis et al. [24] calculated polycrystalline diﬀraction
elastic constants using an elasto-plastic self-consistent
(EPSC) model [47]. EPSC modelling simulates deformation
of polycrystalline aggregates by predicating the response of
each grain within an inﬁnite medium to predict the overall
response of a given diﬀraction plane within the polycrystal-
line material. Due to the lack of reliable elastic properties
for tetragonal phase at room temperature (yttrium-stabi-
lized zirconia data were considered inappropriate), the cur-
rent study applied the same elastic constants to calculations
regarding the tetragonal phase.
Since all measured samples had layers of oxide that were
only a few microns thick, it is reasonable to assume that the
out of plane stress in the oxide is zero. This assumption in
combination with the sin2w technique eliminates the need
for a stress-free lattice parameter. Measurements were car-
ried out with an incident beam and the EDX detector
placed at 3 (i.e. 2h = 6) to the surface when the sample
was at w = 0. Twenty-one individual w angles ranging
from 22 to 66 were selected based on the intensity of
the spectrum at each angle. This range corresponds to a
sin2w range of 0.14–0.84. All stress data presented here
are representative of the hoop direction of the cladding
tube. Initial measurements carried out in both the axial
and hoop directions showed no signiﬁcant diﬀerences
between the stresses in the two directions. A BESSY II
in-house analysis program written in MATHEMATICAeTable 2
Elastic constants used for stress calculation.
Phase Poisson’s ratio Young’s modulus (GPa)
ZrO2 [39,41] 0.282 253
a-Zr [40] 0.34 96was used for processing the instruments’ output ﬁles. It
applies pseudo-Voigt peak ﬁtting for a selected energy
range and produces plots of sin2w, peak intensity, peak
position and widths at half maximum of each peak
(FWHM). In general, accurate peak analysis of the diﬀrac-
tion signal from a thin monoclinic/tetragonal oxide layer is
inherently diﬃcult due to many overlapping peaks, and the
nanosized grain structure resulting in low intensity and
broad peaks. In the present case, the reﬂections from the
oxide that could be ﬁtted with the highest certainty were
the ð111Þ reﬂection of the monoclinic phase and the
(101) of the tetragonal phase. In addition, the ð101Þ reﬂec-
tion of the a-zirconium phase and (111) reﬂection of the
monoclinic phase were also analysed. A typical diﬀraction
spectrum of autoclave tested material can be seen in Fig. 2,
highlighting the limited quality of the tetragonal ZrO2
reﬂection. Note that hydrogen generated during corrosion
led to the formation of hydrides after prolonged autoclave
testing when the material was cooled to room temperature.
This resulted in the observation of a weak (111) reﬂection
of the d Zr-hydride phase. In order to minimize texture
eﬀects in the oxide when determining the integrated inten-
sity (I) of each phase the data were averaged along the
range of W angles. A more detailed description of the data
analysis carried during such studies can be found in Ref.
[24].
3. Results
3.1. Autoclave corrosion
The corrosion kinetics of autoclave tested ZIRLO,
A-0.6Sn and A-0.0Sn samples are presented in Fig. 3 as
corrosion weight gain against autoclave exposure time.
Note that instead of presenting averaged set values, data
of each individual sample are plotted in Fig. 3, illustrating
the level of scatter observed during the experiment.
Tested materials exhibited typical corrosion kinetics
with an indication of change from pre- to post-transition
at around 140 days in the case of ZIRLO and 140–240 days
Fig. 2. Partial diﬀraction spectrum recorded at W = 22 on ZIRLO
cladding tube sample after 160 days’ autoclave exposure on beam line
EDDI. Labelled are the ð111Þm reﬂection of the monoclinic ZrO2 phase,
the (101)t reﬂection of the tetragonal ZrO2 phase, the (111)d reﬂection of
the d Zr-hydride phase and the ð1011ÞaZr reﬂection of the a-Zr phase.
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appeared black in all samples. During transition specimens
exhibited patches where the oxide had become grey in col-
our. Note that in the case of A-0.6Sn, a very long transition
phase of 100 days was detected. Interestingly, corrosion
tests carried out on material with identical chemistry, but
in a partially recrystallized condition, did not show such
behaviour around transition [40].
With up to 260 days of autoclave exposure, A-0.0Sn
showed no sign of a transition in oxidation kinetics. A uni-
versally black oxide was observed on pre-transition sam-
ples as early as after 20 days and as late as after 260 days
of corrosion testing. A second series of autoclave exposures
aimed at recording long term corrosion kinetics also con-
ﬁrmed that A-0.0Sn showed no sign of transition up to
360 days of exposure (i.e. 45 mg dm2 weight gain),
However, after 540 days of exposure, the oxides appeared
to be post-transition in nature due to the presence of clearly
delineated dark and light patches on their surfaces and
80 mg dm2 weight gain.
3.2. Oxide microstructure
At the early stage of corrosion (10 days of exposure), a
continuous oxide layer (1 lm) with almost no visible
cracks and a smooth oxide/metal interface was observed
for all three alloys (Fig. 4a, c and e). The oxide thickness,
measured by using the FEG-SEM images, was consistent
with that calculated from oxidation weight gain
(15 mg dm2 = 1 lm [48,49]).
Fig. 4b, d and f shows cross-sectional FEG-SEM images
taken when each alloy had gained 30 mg dm3 of weight.
This corresponded to an exposure time in the autoclave
exceeding 120 days in the case of ZIRLO samples, 160 days
in the case of A-0.6Sn and 180 days in the case of A-0.0Sn.
In the case of ZIRLO and A-0.6Sn, the examined samples
were near to the exposure time where transition occurred.
It can be seen that at this stage the oxide had developed
some short and medium-sized cracks. In A-0.0Sn alloywhere the examined sample was still more than 180 days
prior to the ﬁrst transition, the oxide displayed only very
few and small cracks.3.3. 3-D atom probe tomography
The results of 3-D atom probe (3DAP) analysis, pre-
sented here as one-dimensional (1-D) concentration pro-
ﬁles, are shown in Figs. 5 and 6. Fig. 5 displays (a) the
Zr and oxygen proﬁles and (b) the tin and Nb proﬁles
across the metal/oxide interface. A more detailed discus-
sion about all the detected elements in such samples can
be found in Refs. [19,43]. Here, we only concentrate on
the tin content in order to establish if it is fully incorpo-
rated in the oxide. To more accurately compare tin concen-
tration between metal and oxide, it is more useful to plot a
proﬁle of the Sn/Zr ratio (Fig. 6a). This plot shows that the
relative concentration of tin is in fact very similar in the
metal and oxide, suggesting that all the tin present in the
metal passes into the oxide as corrosion progresses.
Fig. 6a does display an apparent increase in tin concentra-
tion associated with the interface between metal and oxide.
This feature would appear to suggest a build-up of tin near
the interface. However, it has been shown that it is more
likely to be an experimental artefact due to the ﬁeld
enhanced migration of tin at the interface [43]. In tests car-
ried out to evaluate evaporation ﬁeld variation with laser
pulsing energy, tin was seen to be sensitive to ﬁeld-
enhanced migration to an extent that is not observed for
the other solute. In contrast, the plot of Nb/Zr shown in
Fig. 6b does not show constant levels of Nb in the metal
and oxide. This suggests that, unlike Sn, Nb is rejected
from the oxide during corrosion [43].3.4. Residual stress and phase fraction analysis
A number of autoclave tested specimens were investi-
gated using synchrotron X-ray diﬀraction as described
above. Generally, all samples were measured within 1 week
of being taken out of the autoclave. Specimens were
selected from a relatively early stage of corrosion, i.e.
before the ﬁrst transition and early after the ﬁrst transition.
Since transition samples display a patchy surface of grey
(post-transition) and black (pre-transition) oxide, measure-
ments were carried out in both areas. Measurements of the
residual stresses in the metal substrate consistently showed
tensile stresses of up to +150 MPa. In Fig. 7a–c, the mea-
sured oxide stresses (monoclinic and tetragonal phase) are
plotted as a function of corrosion weight gain for ZIRLO,
A-0.6Sn and A-0.0Sn. In both ZIRLO and A-0.6Sn the
oxide stresses in the monoclinic phase were 700 MPa
to 1000 MPa regardless of the corrosion weight gain,
while stresses in A-0.0Sn samples were slightly lower in
magnitude (500 to 900 MPa) and accompanied by
greater scatter. Note that, in post-transition A-0.6Sn and
A-0.0Sn samples, lower compressive monoclinic stresses
Fig. 3. Autoclave corrosion weight gain proﬁle of (a) recrystallized ZIRLO after 180 days of autoclave exposure, (b) recrystallized A-0.6Sn after 260 days,
and (c) recrystallized A-0.0Sn after 260 days of autoclave exposure [40].
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tion samples (solid markers).
The stresses had considerably higher uncertainty mea-
sured in the tetragonal oxide phase than the stresses mea-
sured in the monoclinic phase, due to a very weaktetragonal (101) reﬂection (see Fig. 2). The stresses deter-
mined in the tetragonal phase were generally between
1300 and 2100 MPa for ZIRLO and A-0.6Sn materials.
It can be seen from Fig. 7f that A-0.0Sn displayed very
large stress variations in the tetragonal phase with
Fig. 4. Back-scattered electron mode SEM images representative of the oxide (cross-section): (a) ZIRLO after 10 days of autoclave exposure, (b) ZIRLO
(120 days’ exposure), (c) A-0.6Sn (10 days’ exposure), (d) A-0.6Sn (160 days’ exposure), (e) A-0.0Sn (10 days’ exposure), and (f) A-0.0Sn (180 days’
exposure). Note that an Au layer was deposited on top of the oxide prior to Ni coating to improve the electrical conductivity of the surface for subsequent
electroplating.
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2400 MPa.
It should be noted that no room temperature elastic
properties are available for purely tetragonal zirconia, as
this phase is not generally stable at room temperature.
Therefore, the stresses have been calculated using the same
elastic properties used for monoclinic zirconia. This may
introduce further uncertainty for the absolute value of
the residual stresses in the tetragonal phase, but will not
aﬀect the trends observed.
Fig. 8 shows the calculated tetragonal phase fraction
and the equivalent layer thickness of the tetragonal phaseas a function of weight gain. The calculation is based on
the Garvie–Nicholson equation [50]:
Tetragonal fraction ¼ I tetð101Þ=½I tetð101Þ þ Imonoð111Þ
þ Imonoð111Þ ð1Þ
However, in this case, the Garvie–Nicholson equation was
modiﬁed to include integration over W angles, where I is
the integrated intensity averaged over W angles, thereby
reducing the inﬂuence of any crystallographic texture pres-
ent in the tetragonal phase. An equivalent layer thickness
of the tetragonal phase was calculated by normalizing the
Fig. 5. 1-D concentration proﬁles, taken from atom probe analysis, across
the metal–oxide interface pre-transition ZIRLO (34 days’ autoclave
exposure) showing the distribution of (a) Zr and O and (b) Sn and Nb.
Fig. 6. Idealized concentration proﬁles for (a) Sn vs. Sn/Zr and (b) Nb vs.
Nb/Zr across the metal–oxide interface of pre-transition ZIRLO after
34 days’ autoclave exposure.
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rosion weight gain. The calculated tetragonal fraction is an
index for the fraction of tetragonal phase present in the
oxide while the theoretical equivalent tetragonal phase
thickness aims to also take the oxide thickness into consid-
eration. Fig. 9 shows schematically, in a simpliﬁed manner,
the expected distribution of tetragonal and monoclinic
ZrO2 based on observations such as Refs. [16,19]. It high-
lights that with continuous growth of the oxide the ratio
of tetragonal/monoclinic phase is expected to decrease,
although the absolute amount of tetragonal oxide might re-
main unchanged. Such a trend is indeed observed, particu-
larly for ZIRLO and to a slightly lesser degree for A-0.6Sn
(Fig. 8a and b). Note that, during the early stage of corro-
sion, the tetragonal phase fraction is signiﬁcantly lower in
A-0.6Sn compared to ZIRLO. In contrast, A-0.0Sn shows
hardly any change of the tetragonal/monoclinic ratio with
increasing weight gain and a very low tetragonal phase
fraction from the ﬁrst measurement point, i.e. after only
10 days of corrosion. The present results, based on a large
number of samples, clearly show that tin increases the
tetragonal phase fraction, which is in agreement with
observations in Refs. [27,36], but contradicts the observa-
tions of Ref. [37]. Finally, a decrease of the tetragonal
phase fraction from pre- to post-transition conditions
was observed in A-0.6Sn and A-0.0Sn.
In order to ensure that the diﬀerences of calculated
tetragonal phase fractions between the three alloys are
not based on signiﬁcant diﬀerences in the texture of the
oxide, pole ﬁgures of the monoclinic ð101Þ reﬂection were
measured on pre-transition samples, Fig. 10. Attempts to
measure tetragonal pole ﬁgures failed due to a very weak
tetragonal reﬂection when using a lab-based diﬀractometer.
Fig. 10 demonstrates that the monoclinic oxide textures are
indeed practically identical when comparing the three
alloys. Following the reasonable assumption that this is
then also true for the tetragonal phase, it can be veriﬁed
that the data presented in Fig. 8 are not aﬀected by oxide
texture diﬀerences between the alloys.
4. Discussion
4.1. Transfer of tin from metal to oxide
Three-dimensional atom probe analysis has been used to
successfully evaluate the distribution of tin in ZIRLO and
the oxide that forms on it. Whilst some artefacts are
observed directly at the metal/oxide interface, the data
clearly show that while the absolute density of Sn atoms
is lower in the oxide than the metal, the ratio of Sn/Zr is
very similar in both the metal and the oxide. This conﬁrms
that all the tin present in the metal passes into the oxide as
corrosion progresses. This is a very important observation
as it shows that diﬀerences in tin levels between alloys will
be carried over into the oxide, where they can have an
inﬂuence on the relative stabilities of the oxide phases. As
Fig. 7. Hoop stresses of the monoclinic oxide phase, stresses of the monoclinic phase measured (a) in ZIRLO, (b) in A-0.6Sn, (c) in A-0.0Sn and of the
tetragonal phase measured, (d) in ZIRLO, (e) in A-0.6Sn, and (f) in A-0.0Sn. The dashed line represents the estimated start of transition for each alloy.
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ments will be evenly distributed across the metal/oxide.
It should also be noted that while APT data are shown
here only for ZIRLO with 34 days, similar tests have been
carried out on samples after 100 days (pre-transition) and
140 days (post-transition) autoclave exposure. The results
from these samples also demonstrate tin to be evenly dis-
tributed between the metal and oxide relative to the Zr.
In order to compare the percentages of niobium and tin
in the matrix measured by 3DAP, to those expected for the
bulk alloy, it is important to take into account the signiﬁ-
cant levels of oxygen present in solution near the metal/
oxide interface. However, even when this contribution is
considered, the values shown here remain lower than sug-
gested by the bulk alloy composition. For niobium, the
bulk concentration exceeds the solubility limit in zirconium
(0.1 at.% at 350 C), resulting in the precipitation of Nb-
rich second phase particles. Since no particle is captured in
the analysis shown here, the fraction of Nb measured is
lower than that of the bulk. The concentrations measured
suggest that the matrix is in fact supersaturated, most likely
due to quenching during processing and the sluggishdiﬀusion/precipitation kinetics exhibited by zirconium.
Since the solubility of tin is signiﬁcantly higher in zirco-
nium it remains below the solubility limit at the levels pres-
ent. However, signiﬁcant sample-to-sample variation was
observed in terms of the level of Sn measured, which can
be attributed to the sensitivity of tin to the evaporation
ﬁeld. Small diﬀerences in the experimental conditions
between samples could therefore aﬀect the absolute concen-
tration of tin recorded. However, the average taken from
12 measurements of the matrix showed good agreement
with the bulk concentrations expected for tin (0.72 at.%,
±r = 0.08). Regardless of the absolute concentrations
measured, the trends described here were observed for mul-
tiple measurements, with tin distributed evenly between the
metal and oxide.
4.2. Residual stress in the metal substrate
Residual stresses measured in the metal substrate were
signiﬁcantly larger than would be expected according to a
simple mechanics model. Since the system must remain in
equilibrium, any compressive stresses present in the thin
Fig. 8. Calculated phase fraction and equivalent layer thickness of tetragonal phase plotted as a function of weight gain measured on (a and d) ZIRLO, (b
and e) A-0.6Sn, and (c and f) A-0.0Sn material.
Fig. 9. Schematic of the inward corrosion of Zr and the expected distribution of monoclinic and tetragonal ZrO2 phase.
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acting across the rather thicker metal substrate (800 lm).
A simple stress balance would predict a uniform stress dis-
tribution across the metal substrate of 5–10 MPa.Instead, the synchrotron measurements suggest tensile
stresses of 150 MPa. This discrepancy is discussed in
more detail by Polatidis et al. [24] and may be attributed
to a number of factors. The limited penetration of the
Fig. 10. ð111Þ pole ﬁgure of the monoclinic oxide phase grown on (a) ZIRLO, (b) A-0.6Sn, and (c) A-0.0Sn. Measurements were carried out on samples
before the ﬁrst transition occurred. Measured by laboratory X-ray with maximum W = 85.
4210 J. Wei et al. / Acta Materialia 61 (2013) 4200–4214measurement technique (10 lm for the metal peak used)
means that measurements in the metal represent only the
stress state very close to the interface. It is therefore possi-
ble that a stress gradient exists in the metal, with the high
tensile stresses measured only existing near to the metal/
oxide interface. It may be possible for such a gradient to
be maintained by the presence of roughness at the interface
or by the dissolution of oxygen in the metal near the inter-
face, resulting in a graded interface. Unfortunately, the
quality of the diﬀraction data obtained for the metal sub-
strate is not of suﬃcient quality to accurately assess this
possibility. The signiﬁcantly larger grain size of the metal,
compared to that of the oxide, resulted in far fewer metal
grains being sampled for each measurement. The low num-
ber of diﬀracting grains, together with the crystallographic
texture in the metal and the relatively low residual stresses
present, meant that the errors associated with these mea-
surements were quite large relative to the stresses mea-
sured. Furthermore, measurements on an unoxidized
sample showed the presence of stresses of a similar magni-
tude (100 MPa) before any oxidation.
4.3. Relationship between tin content and corrosion
Current corrosion kinetics recorded during autoclave
experiments clearly indicate the improvement introduced
by the decrease of tin content in Zr–Nb–Sn alloys. The
onset of transition (deﬁned by the re-acceleration of cor-
rosion kinetics and the appearance of grey patches on the
oxide surface) was delayed from as early as 140 days in
ZIRLO material to as late as more than 360 days in A-
0.0Sn material. It must be noted that apart from the
exposure time required to reach transition, the actual cor-
rosion kinetics in pre-transition stage were practically
identical. This suggests that the transport mechanisms
and rate determining diﬀusion species are the same for
the three alloys. The oxidation kinetics exponent of the
three alloys is 0.34 for ZIRLO, 0.34 for A-0.6Sn and
0.38 for A-0.0Sn.The beneﬁcial eﬀect of reduced Sn, in terms of aqueous
corrosion, has been previously demonstrated for Zircaloy-4
[51] and advanced alloys like Westinghouse ZIRLO [32,33].
However, it is also well known that the addition of tin is
advantageous for in-reactor performance, providing
robustness and predictability of the corrosion behaviour
in high lithium and abnormal chemistry conditions [34].
4.4. Evaluating the tetragonal phase fraction measurement
The pre-transition stage of the zirconium oxidation has
been widely accepted as a process controlled by the inward
diﬀusion of oxygen ions across the oxide ﬁlm [12], although
it has been argued whether it is bulk diﬀusion of oxygen
through a perfect oxide or crystallite boundary diﬀusion
that plays the predominant role [52]. Therefore the struc-
ture of the oxide is considered to be of importance in deter-
mining the corrosion resistance. The tetragonal phase has
been reported to accumulate near the oxidation progres-
sion front, the oxide/metal interface. Consequently, it has
been argued that it is the tetragonal phase that acts as a
barrier layer for oxygen diﬀusion [10,16,19,21,22,53]. Fol-
lowing this line of thought, the thickness (indirectly repre-
sented by the tetragonal phase fraction) and the integrity of
this tetragonal-rich layer is the dominating contributor to
corrosion resistance. An investigation carried out on a
range of Zircaloy-4 type alloys with diﬀerent tin content
[37], has reported a reduction of tin improved corrosion
resistance. Their lab-based X-ray measurements suggested
that the tetragonal phase fraction increases as tin is
reduced. They further proposed a degradation model of
the tetragonal phase, which suggested that the oxidation
of the segregated tin in the oxide accelerates the tetrago-
nal-to-monoclinic phase transformation and created poros-
ity in the monoclinic. However, the tetragonal phase
fraction was only determined for a single sample in each
alloy, and considering the high uncertainty when measur-
ing this phase by laboratory X-ray diﬀraction together with
the general observation that tin does in fact stabilize the
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rect. As demonstrated in Fig. 8, the tetragonal/monoclinic
ratio is strongly dependent on the thickness of the oxide
when measurements are conducted. Therefore comparison
between tetragonal phase fractions of diﬀerent alloys is
only meaningful when multiple measurements are con-
ducted as a function of corrosion weight gain.
4.5. Relationship between tin content and tetragonal-to-
monoclinic phase transformation
The highest early tetragonal phase fraction and the
steepest decline of it with weight gain were recorded in
ZIRLO (Fig. 8a), which has the highest tin content of the
three alloys. The exponent for this trend is ﬁtted to be
0.712 ± 0.087, whereas an exponent of 1 is expected
for a theoretical tetragonal-rich layer with constant thick-
ness. This is further conﬁrmed by the near horizontal trend
calculated for equivalent tetragonal layer thickness shown
in Fig. 8d. In order to maintain the assumption of a con-
stant tetragonal layer thickness, all tetragonal phases must
transform once the compressive stresses have declined.
However, there is suﬃcient experimental evidence that in
regions of low stresses some tetragonal phase is still presentFig. 11. Schematic description of corrosion mechanisms in material with high
cases are presented. The amount of tetragonal and monoclinic grains is only a[19]. Comparing Fig. 8a–c demonstrates unambiguously
that the early tetragonal/monoclinic ratio goes down with
the amount of tin in the alloy and at the same time the
decline of the ratio with weight gain also decreases. As indi-
cated in Fig. 8d–f, taking the oxide growth into consider-
ation, the amount of tetragonal phase is clearly not
constant but increases with weight gain. This is not to
say that the tetragonal-rich layer near the metal/oxide
interface thickens but that there is less phase transforma-
tion from tetragonal to monoclinic as the tin content is
reduced. In order to further understand this observation
it is important to consider the diﬀerent aspects that will sta-
bilize the tetragonal phase. The two main aspects not
related to doping that can stabilize the tetragonal phase
are stress and grain size. Therefore, there will be a grain
size below which the tetragonal phase will be stable without
the requirement of stress. In the case of a Nb-free Zr alloy
it has been suggested that this critical grain size is 30 nm
[27].
In the case of ZIRLO and A-0.6Sn stresses measured in
the tetragonal phase were generally between 1500 and
2000 MPa (Fig. 7d and e). Stress measurements of the
tetragonal phase of A-0.0Sn showed signiﬁcantly more
scatter but generally the observed stresses were similar toer tin content and material with lower tin content. The proposed extreme
schematic, not a quantitative representation.
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than the tetragonal stress for the other alloys. This suggests
clearly that the majority of tetragonal phase in A-0.0Sn is
not stabilized by stress but by grain size. Consequently,
the results suggest that in the presence of tin tetragonal
grains can be stress stabilized while when tin is below a crit-
ical level, the stresses alone are not suﬃcient to stabilize
grains that exceed a certain critical grain size.
Following these observations and discussions we pro-
pose the following new model that describes one factor that
contributes to transition from pre- to post-transition
(Fig. 11).
When ZrO2 ﬁrst nucleates at the metal/oxide interface
either monoclinic or tetragonal grains will be formed, which
will be aﬀected by local stress and chemistry variations and
interface morphology. Most of those grains will be able to
grow epitaxially as corrosion proceeds. For geometrical rea-
sons, some grains will not grow and stay below a critical
grain size that enables them to remain tetragonal if they
started out as such. Tetragonal grains will only be able to
grow and retain their crystal structure if they are under com-
pressive stress beyond a critical level (2 GPa) and contain
small levels of tetragonal stabilizers such as tin. Stress alone
is not suﬃcient. As the oxide/metal interface continues to
drive away from those epitaxial grains, local compressive
stress will decrease. As a result, stress stabilized tetragonal
grains adjacent to the interface can maintain their crystal
structure, corresponding to the tetragonal-rich layer in
Fig. 9. Other stress stabilized tetragonal grains will trans-
form as the stress reduces, while the size stabilized tetragonal
grains will remain in the oxide. The link between martensitic
phase transformation and crack formation then follows the
shearmodel previously described by a number of researchers
[3,26,54]. During pre-transition, the rate of oxide growth
slows down over time, therefore the rate at which new,
highly stressed, oxide forms also decreases. However, relax-
ation mechanisms may still be acting on the oxide. The com-
bination of these factors would result in a gradual reduction
in the size of the region where the oxide is highly stressed and
where the tetragonal phase will remain stable. Eventually,
the damage in the oxide caused by phase transformation will
occur close enough to the interface to produce a breakdown
in the integrity of the oxide, initiating the observed transi-
tion in oxidation kinetics.
A critical aspect of this model is the distinction between
grain size and stress stabilized tetragonal grains and that Zr
alloy chemistry aﬀects the volume fraction of tetragonal
grains that can be stress stabilized and can transform once
the stress has decreased. The epitaxial growth of tetragonal
is rare in material with lower tin content since the majority
of the grains are monoclinic to start with. When the inter-
face continues to drive away from the previously formed
oxide, stress stabilized tetragonal grains still transform into
monoclinic, only on a much smaller scale compared with
material with higher tin content. The reduced amount oftransformation brings about much slower cracking and
fewer cracks (Fig. 4f), and subsequently longer pre-transi-
tion period (Fig. 3c).
For the three alloys investigated in the present work, i.e.
Nb containing Zr alloys, the proposed model seems to be
responsible for the diﬀerent time it takes for the three alloys
to undergo transition. However, it remains to be conﬁrmed
that this model is also valid for other alloy systems.
It should be noted that while it has not yet been possible
to directly relate the level of tetragonal/monoclinic phase
transformation to observations of oxide breakdown in
the diﬀerent alloys, transmission electron microscopy
(TEM) studies are on-going to do so, and observations
for ZIRLO have already suggested the presence of nanop-
orosity at oxide grain boundaries, which appears to
become more linked up nearer to the interface as transition
is approached [42,55]. However, such investigations will
only be able to evaluate the diﬀerences in how damage
(i.e. porosity) evolves over time for diﬀerent tin levels. It
is not possible determine the presence of stress stabilized
tetragonal grains by TEM. The preparation of the thin foil
samples needed for TEM analysis would necessarily result
in the relaxation of stresses in the oxide and thereby trans-
formation of any such tetragonal grains. This diﬃculty
highlights the importance of using a multi-scaled approach
to investigate corrosion mechanisms.
5. Summary
Three recrystallized Zr–Sn–Nb alloys with diﬀerent tin
content (ZIRLO, A-0.6Sn and A-0.0Sn) have been inves-
tigated in terms of their aqueous corrosion performance at
360 C and 18 bar in simulated primary water in order to
shed new light on the mechanism that leads to transition
of the corrosion rate. The following observations have been
made:
1. Corrosion resistance improves signiﬁcantly with
decreasing tin content.
2. 3-D atom probe tomography conﬁrmed that all tin
present in the metal passes into the oxide as corro-
sion progresses, where it may then inﬂuence the nat-
ure of the oxide.
3. Compressive stresses in the monoclinic oxide phase
were within the range of 700 to 1000 MPa in
the case of ZIRLO and A-0.6Sn materials, and
500 to 900 MPa in the case of A-0.0Sn material.
Compressive stresses in tetragonal phase were
between 1500 and 2000 MPa in both ZIRLO
and A-0.6Sn. A-0.0Sn displayed stresses in the
tetragonal phase similar to the stresses in the mono-
clinic phase.
4. Tetragonal phase fractions and equivalent layer
thickness of the tetragonal phase were calculated.
It was possible to demonstrate that tin contributes
J. Wei et al. / Acta Materialia 61 (2013) 4200–4214 4213to the stabilization of the tetragonal phase. It was
also found that the frequency of tetragonal-to-
monoclinic phase transformation reduces with
decreasing tin content.
5. A model explaining the corrosion rate transition
phenomenon has been proposed highlighting the
distinction between the grain size stabilized and the
stress stabilized tetragonal phase. It assumes that
stress stabilization of tetragonal oxide phase is only
possible in combination with some chemical stabil-
ization, which in the present case is tin.
6. The model identiﬁes the stress stabilized tetragonal
phase as detrimental to the corrosion performance
due to stress relaxation in the oxide, enabling tetrag-
onal-to-monoclinic phase transformation with an
associated shear strain and volume expansion.
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